Polymers above their glass transition temperatures (T g ) are known as viscoelastic materials. Below T g , polymers typically show a reduction in ductility. A good example is polystyrene (PS), which is an amorphous material with a T g around 100°C. At room temperature, it is hard and brittle. However, in contrast to PS, some amorphous polymers like polycarbonate (PC) are known as ductile polymers below T g . The established model for analyzing the mechanical properties of glassy polymers is a twocomponent model originally proposed by Haward and Thackray [1] . In this model, the stress is decomposed into a contribution from intermolecular forces (secondary bonds) and a contribution from covalent bonding in the polymer network (primary bonds). The model has been used to explain the brittleness of PS and the toughness of PC [2] [3] . PS ages faster than PC. It has a higher yield stress and a weaker hardening in stress-strain response than PC, and hence a stronger localization of strain (revealed as a pronounced strain softening). The strong localization results in the brittleness of PS. Interestingly, glassy PS may become flexible when compressed at room temperature in a two-roll milling process. This is known as mechanical rejuvenation, and has been studied in several papers [3] [4] [5] [6] . The explanation is that the secondary bonds are locally weakened by compression, resulting in a reduced yield stress, and the strain localization is thus removed. However, the flexibility from mechanical rejuvenation is merely temporary. After a short time (typically minutes to hours for PS), brittleness returns. In this letter, we show that fast stretching of PS melts followed by rapid quenching below T g leads to flexible PS. No brittleness is observed after half a year.
It is known that the processing history in liquid state influences the mechanical properties in solid state for polymers. For example, Zartman et al. [7] stretched a commercial PS at temperatures above T g and subsequently quenched the samples below T g . At room temperature, the resulting engineering stress of the quenched samples at fracture was up to 140 MPa, which is higher than values of 20-55 MPa reported for isotropic (without molecular alignment) glassy PS [8] [9] . In the present work, we first also tested a commercial PS (see Supporting Information, SI). Sample A was slowly stretched at 160°C and allowed to relax in the melt state (so that the molecular conformation is isotropic) before cooling to room temperature. Sample B was stretched at 0.03 s -1 at 125°C to Hencky strain (see SI) 3.3, and subsequently quenched to the solid state without a relaxation step. Fig. 1a shows the results of the tensile tests at room temperature. Sample A fractured at a strain (see SI) of 1.3% with a tensile strength of 40MPa, while sample B fractured at a larger strain of about 33% with a tensile strength of 140 MPa. These values are consistent with the values reported by Zartman et al. [7] . The two samples have similar Young's modulus of 3-4 GPa. Fig. 1b shows the results of three-point bending tests. The Young's modulus obtained from the bending tests is consistent with the values obtained from the tensile tests. But the yield stress in the bending test is probably overestimated due to the use of linear elasticity (see SI). We observed that in both tensile and bending tests, Sample A fractured in a brittle manner with two flat surfaces. By contrast, Sample B fractured like a rope in the tensile test (Fig. 1a) . Furthermore, removing Sample B from the bending test and subjecting it to further bending manually, the sample was surprisingly flexible, as shown in the photo in Fig. 1b .
Since Sample A is isotropic on the molecular scale, the flexibility of Sample B must be related to the molecular alignment. The question remains what degree of anisotropy leads to the flexibility. According to the classic tube theory [10] [11] for entangled polymer liquids, molecular alignment includes both chain orientation and stretching. Chain orientation relaxes with the reptation time τ d , while chain stretching relaxes with the Rouse time τ R , with τ R < τ d . The τ d and τ R can be easily determined for monodisperse linear polymers, but it is not straightforward for polydisperse polymers (see SI). In order to investigate the critical condition, we tested a near-monodisperse PS100k. We stretched two samples above T g . PS-100k-A was stretched faster than 1/τ R , leading to chain stretching. PS100k-B was stretched slower than 1/τ R but faster than 1/τ d , leading to chain orientation but not stretching. Both samples were stretched to a Hencky strain of 3.3 where the extensional stress reached a steady value, and subsequently quenched below T g . At room temperature, PS100k-A was flexible. However, PS-100k-B broke similarly to the isotropic commercial PS (see Fig. S3 ). We then stretched two more samples, PS-100k-C and PS-100k-D, at the same rate as PS-100k-A (faster than 1/τ R ). When the flow was stopped at Hencky strain 3.3, we allowed the samples to relax at 125°C. PS-100k-C was relaxed for 40s, which is shorter than τ R , and then quenched. This sample was flexible like PS-100k-A. PS-100k-D was relaxed for 200s, which is longer than τ R but shorter than τ d . The resulting sample broke like PS-100k-B (See Fig. S4) . The above observations show that molecular chain stretching is a key factor in inducing flexibility in the solid state.
But how does molecular chain stretching induce flexibility? The chain stretching corresponds to the network stretching in the Haward and Thackray model (i.e. the chain segments between entanglements are stretched). One possibility is that when the network is pre-stretched in the melt state, its contribution to stress in the solid state may dominate earlier in macroscopic strain. Therefore, the localization (strain softening) is removed by enhancing the contribution from the primary bonds (while in mechanical rejuvenation, it is removed by weakening the secondary bonds). However, it is also reported that fast stretching in melt state leads to loss of entanglements [12] [13] , which may also weaken the contribution from the network in solid state. On the other hand, it is reported that in melt stretching there is a chain orientation / stretching induced reduction of segmental friction [14] [15] . According to Yaoita et al. [14] , the segmental friction of PS melts starts decreasing sharply when stretched faster than 1/τ R . Therefore, the reduced segmental friction may weaken the secondary bonds in solid state, similarly to mechanical rejuvenation.
Given the above results, we wondered if the right processing could lead to larger tensile strength for PS. Tensile strength of up to 140 MPa (engineering stress) for anisotropic PS has been reported by Zartman et al. [7] . The authors further reported that the tensile strength increased with the stretch rate and strain above T g . Generally speaking, when a PS melt is stretched at a fixed rate above T g , the transient stress increases with increasing strain, until a saturation value (steady stress) is reached [16] [17] , or an elastic fracture takes place [18] . Fig. 2a plots the steady stress as a function of stretch rate at 130°C for a near-monodisperse PS-285k. The critical stress at fracture is also plotted in the figure for faster stretch rates. If the larger stress in the melt stretching gives the larger tensile strength in the solid state, then the sample quenched near the highest critical stress in Fig. 2a should have the highest tensile strength. To test this hypothesis we quenched a sample of PS-285k near the highest critical stress (Sample B in Fig. 2a) and another sample at a lower stress (Sample A in Fig. 2a ). Fig. 2b shows the results of the tensile tests for the corresponding quenched samples. A fully relaxed sample of PS-285k, with tensile strength 57 MPa, is also plotted in Fig. 2b for comparison. PS-285k-A fractured at an engineering stress of 175 MPa in the tensile test, while PS-285k-B reached 240 MPa. During the latter test, the load cell of the instrument was maxed out, and therefore we were unable to measure the tensile strength of PS-285k-B. But the achieved engineering stress of 240 MPa, corresponding to a true stress of about 300 MPa, is already higher than any reported values for glassy PS in literature.
Going back to the origin of flexibility as discussed above, compared with PS-285k-A, PS-285k-B has more molecular chain stretch in melt state [19] [20] , corresponding to a more pre-stretched network, and possibly more reduction of segmental friction. However, unlike mechanical rejuvenation which lowers the yield stress, PS-285k-B has an even higher yield stress. And despite the possibility of losing entanglements, the strain hardening behavior after the yielding point is more pronounced, indicating an enhanced contribution from the network. It can also be seen that the strain-softening is almost fully erased for PS-285k-B. Therefore we make the hypothesis that, the origin of flexibility is loss of strain localization due to enhanced contribution of the stress from the pre-stretched network. We further checked the quenched flexible PS for signs of crystallization. Differential scanning calorimetry (DSC) curves show a relaxation exotherm for the highly anisotropic samples (see SI), but no sign of melting/ crystallization. Fig. 3 shows the wide angle X-ray scattering (WAXS) patterns for the flexible PS-100k-A (right) and the isotropic PS-100k (left). Crystallization is not observed from the patterns as expected from an atactic sample. The strain induced alignment is most clearly expressed in the correlation between neighboring chains (the inner ring). The 'isotropic' PS-100k sample shows only minor, if any, anisotropy (see also Fig. S7) , thus proving the isotropic characteristics. Now we turn to the rope-like fracture. Fracture in isotropic PS glass is due to strain localization, leading to crazing [21] prior to fracture. This fracture corresponds to scission of the C-C bonds in the chain [22] [23] . However, in contrast to the flat fracture surfaces of isotropic PS, we observed that the flexible samples always fractured into non-uniform fibers in tensile tests. Fig. 4 shows the images of PS-Commercial-B during the last 0.1s before fracture in the tensile test (in Fig. 1a) . From the first 6 frames of Fig. 4 it can be seen that a small crack on the filament surface (green arrow) is propagating with an approximate parabolic outline. However, this crack does not propagate throughout the entire cross section. Instead, the parabolic outline is replaced by a sliding pattern (red arrow) in a very short time of 0.02ms. In the final 0.02ms, additional sliding happens and the filament breaks at multiple sites, resulting in the rope-like fracture. The fracture surfaces of both flexible and brittle samples were investigated by optical microscopy. Fig. 5a and 5c show images for PSCommercial-A and PS-Commercial-B, respectively. The flat surface after fracture is clearly seen for the brittle PS in Fig. 5a , meaning that unlike the case in Fig. 4 , a crack has propagated throughout the cross section. The crazing phenomenon can also be clearly observed in Fig. 5a . In Fig. 5c , fibers are observed for the flexible sample. Fig. 5b  and 5d show the corresponding scanning electron microscopy (SEM) images of the brittle and flexible samples, respectively. The oriented fiber structure is clearly seen in Fig. 5d , with multiple dimensions from micrometers to hundreds of nanometers (see also Fig. S8 ). Apparently, the oriented micro/nano fibers in Fig.5 and the stop of crack propagation in Fig.4 are the key factors leading to the rope-like fracture. But why does the crack stop growing? After fracture in tensile tests, most part of the broken filament was still transparent, except the part near the fracture place. Fig. 6 shows the SEM images of the transparent part that have been embedded in epoxy and microtomed both perpendicular to and along the tensile stretching direction. Cracks propagating the sample with a width below 100 nm, can be seen in the cross section perpendicular to the stretching direction. This is also confirmed in the atomic force microscopy (see Fig.  S9 ). Along the stretching direction, discrete structures with a length scale on the order of 100 nm can be seen. This is confirmed by the high transparency of the stretched filaments, which indicate that any intrinsic structures are significantly smaller than the wavelength of visible light. Based on these results, we make the hypothesis that, the crack in Fig. 4 stops propagating along the direction perpendicular to the stretching, because the crack tip meets an elongated void. When this happens, the crack deflects along the direction of lowest fracture toughness leading to fibrillation. Figure 6 . SEM images of microtomed cross sections perpendicular to (top) and along (bottom) the tensile stretching direction, for the flexible sample PSCommercial-B (shown in Fig. 1a ).
In summary, we have shown that glassy PS can become flexible by stretching the melts above T g at a rate faster than the inverse Rouse time and subsequently quenching to the solid state. The flexibility is probably due to loss of strain localization by enhancing the contribution of stress from the polymer network. Oriented micro/nano fibers have been observed in the flexible samples after fracture or microtoming. The fibrous structure probably originates from the highly aligned molecules in the melt due to fast stretching. Interestingly, in a recent publication [24] , the oriented nanofiber structures are also observed in the densified wood, which also gives a much larger tensile strength than the normal wood. Flexible, transparent PS with improved tensile strength may have applications such as optical fibers, while the manufacturing process is likely to be transferable to other polymers, thereby leading to a general method for preparing stronger materials.
